Abstract: The composition of co-precipitated and collocated NbC carbide precipitates, Fe 3 C iron carbide (cementite), and Cu-rich precipitates are studied experimentally by atom-probe tomography (APT). The Cu-rich precipitates located at a grain boundary (GB) are also studied. The APT results for the carbides are supplemented with computational thermodynamics predictions of composition at thermodynamic equilibrium. Two types of NbC carbide precipitates are distinguished based on their stoichiometric ratio and size. The Cu-rich precipitates at the periphery of the iron carbide and at the GB are larger than those distributed in the α-Fe (body-centered cubic) matrix, which is attributed to short-circuit diffusion of Cu along the GB. Manganese segregation is not observed at the heterophase interfaces of the Cu-rich precipitates that are located at the periphery of the iron carbide or at the GB, which is unlike those located at the edge of the NbC carbide precipitates or distributed in the α-Fe matrix. This suggests the presence of two populations of NiAl-type (B2 structure) phases at the heterophase interfaces in multicomponent Fe-Cu steels.
INTRODUCTION
Copper precipitation-strengthened ferritic body-centered cubic (b.c.c.) steels or Fe-Cu steels are of considerable commercial and technological importance due to their high strength, good impact toughness, excellent weldability without preheat or postheat, and corrosion resistance (Vaynman et al., 2008) . This combination of properties makes them an excellent choice for applications in the defense, transportation, and infrastructure industries (Montemarano et al., 1986; Wilson et al., 1988; Czyryca et al., 1990) . One experimental grade of Fe-Cu steels possessing good impact toughness and high yield strength is the NUCu steels (Vaynman et al., 2008) . Their mechanical properties are influenced by the type and number density of the precipitated phases, which are in turn influenced by the composition and heat treatment. These steels are precipitation-strengthened by Cu-rich precipitates, MC-type NbC carbide precipitates, and depending on the nominal composition, a NiAl-type (B2 structure) phase is nucleated at the α-Fe matrix/Cu-rich precipitate heterophase interfaces (Gagliano & Fine, 2001; Isheim, et al., 2006; Vaynman et al., 2008) . The steels also contain Fe 3 C iron carbides (cementite) (Gagliano & Fine, 2001; Isheim et al., 2006; , which contribute to their strengthening.
Copper precipitation has been investigated in model binary and ternary Fe-Cu alloys (Hornbogen & Glenn, 1960; Speich & Oriani, 1965; Goodman et al., 1973a Goodman et al., , 1973b Pizzini et al., 1990; Othen et al., 1991 Othen et al., , 1994 Phythian et al., 1992; Maury et al., 1994; Osamura et al., 1994a Osamura et al., , 1994b Charleux et al., 1996; Monzen et al., 2000 Monzen et al., , 2003 Monzen et al., , 2004 Deschamps et al., 2001 Deschamps et al., , 2003 , in ASTM A710 and A736 grade Fe-Cu steels (Miglin et al., 1986; Wilson et al., 1988; Thompson & Krauss, 1996; Dhua et al., 2001a Dhua et al., , 2001b , and more recently in the NUCu and other experimental Fe-Cu steels (Gagliano & Fine, 2001 Isheim et al., 2006b; Vaynman et al., 2008; Mulholland & Seidman, 2009; Mulholland & Seidman, 2011; Farren et al., 2012; Hunter et al., 2013) . These studies focused on Cu-rich precipitates located in the matrix phase that were formed during solutionizing and quenching (interphase precipitation) or during isothermal aging. The formation of the NiAl-type (B2) phase at the Cu-rich precipitate heterophase interfaces has also been characterized in the NUCu and other experimental Fe-Cu steels (Isheim et al., 2006a; Wen et al., 2013; Zhang et al., 2013) . The carbide phases that are conventional in Fe-Cu steels have received less attention (Miglin et al., 1986) , and the NbC carbide precipitates and Fe 3 C iron carbides in the NUCu steels have only been characterized to a limited extent (Gagliano & Fine, 2001; Isheim et al., 2006b; Vaynman et al., 2008) . The Cu-rich precipitates that are co-precipitated and collocated with the NbC carbide precipitates and Fe 3 C iron carbides have also received little attention to date.
The NbC carbide precipitates in steels are formed during thermo-mechanical processing, solutionizing and quenching heat-treatment, and isothermal aging (Bhadeshia & Honeycombe, 2006) . These carbides have a NaCl-type crystal structure consisting of two interpenetrating facecentered cubic (f.c.c.) lattices, and are referred to as alloy or interstitial carbides. The NbC carbide precipitates form when small quantities of Nb, that is <~0.1 wt%, are added as an alloying element. In Fe-Cu steels, they are a stable equilibrium phase as illustrated by the Thermo-Calc determined phase diagrams for the NUCu steels (Gagliano & Fine, 2001; . These precipitates provide incremental strengthening, which contribute to the total strengthening (Gagliano & Fine, 2001; Vaynman et al., 2008) . They are also an effective grain refiner and reduce the average ferrite grain diameter, and hence influence Hall-Petch strengthening and Charpy V-notch impact toughness values.
The Fe 3 C iron carbide is formed during the γ-Fe (austenite) to α-Fe (ferrite) phase transformation during the solutionizing and quenching processing step. The carbides have a complex orthorhombic crystal structure and are a metastable intermetallic phase, which is present in Fe-Cu steels despite the low-carbon concentration. The iron carbide phase co-exists with ferrite at room temperature, as illustrated by Thermo-Calc determined phase diagrams for the NUCu steels (Gagliano & Fine, 2001; . Cementite is a very hard and brittle phase, which provides significant strengthening in steels.
The focus of this article is the characterization by atomprobe tomography (APT) (Seidman, 2007; Seidman & Stiller, 2009 ) of the co-precipitated and collocated NbC carbide precipitates, Fe 3 C iron carbide, and Cu-rich precipitates in the NUCu-140-1, -140-3, and -170 steels (where 140 and 170 are the yield strengths in ksi, and -1 and -3 designate the heat numbers). We also analyze the Cu-rich precipitates, which are heterogeneously nucleated at a grain boundary (GB). We have previously addressed in detail the Cu-rich precipitates distributed in the α-Fe matrix (Isheim et al., 2006b; Vaynman et al., 2008) . The APT technique provides three-dimensional (3D) elemental mapping at sub-nanometer spatial resolution with high elemental mass resolving power for compositional analyses, and the ability to analyze internal features and interfaces, which permits nano-scale compositional and morphological characterization (Kelly & Larson, 2012) . Hence, it is well suited to perform detailed analysis of precipitation at heterophase and homophase (GB) interfaces. We discuss the composition of representative NbC carbide precipitates and a representative Fe 3 C iron carbide precipitate relative to the computational thermodynamics predictions of composition at thermodynamic equilibrium employing Thermo-Calc. The carbides were analyzed at the peak microhardness aged condition for NUCu-140-1 and NUCu-170, and in a slightly over-aged condition for NUCu-140-3 . We also discuss the Cu-rich precipitates located at the edges of the NbC carbide precipitates, the periphery of the Fe 3 C iron carbide, and at a GB.
MATERIALS AND METHODS

Material Details
The three steel heats were vacuum induction melted and cast at ArcelorMittal Steel Global Research & Development, East Chicago, IN, USA. The heats were reheated to ∼1150°C and hot-rolled in multiple passes to a thickness of 12.5 mm and then air-cooled to room temperature. The final hot-rolling temperature was ∼900°C. The bulk compositions were determined by spectrography at ArcelorMittal (Table 1) . The steels are denoted NUCu-140-1, -140-3, and -170. Details regarding the development of the NUCu steels can be found in Vaynman et al. (2008) . The plates from each heat were trimmed and cut into rods 12.5 × 12.5 × 250 mm. The rods were solutionized at 900°C for 1 h and then quenched into water at 25°C. Material (12.5 × 12.5 × 25 mm blocks) was removed and aged at 500°C for 1 h (NUCu-140-1 and NUCu-170) or 550°C for 4 h (NUCu-140-3); they were subsequently quenched into water at 25°C. The selected aging times were also part of a larger study (Isheim et al., 2006b; Vaynman et al., 2008) . 
APT
The steel blocks were further reduced to 0.3 × 12.5 × 25 mm coupons, cut from the center, utilizing an abrasive saw. The APT tip blanks (0.3 × 0.3 × 25 mm) were mechanically cut from the coupons and electropolished using standard techniques (Miller, 2000) . Initial polishing was performed with a solution of 10 vol% perchloric acid in acetic acid at 10-15 Vdc at room temperature. This was followed by a manually controlled pulsed final-polishing step using a solution of 2 vol% perchloric acid in butoxyethanol at 5-10 Vdc at room temperature, producing a microtip with radius <~50 nm. Local-electrode atom-probe (LEAP®) tomography (Kelly & Larson, 2012 ) employing a LEAP® 3000X Si was performed on selected specimens at a specimen temperature of 50 K under ultrahigh vacuum conditions,~1 × 10 −8 Pa (~7.5 × 10 −11 Torr). The pulse repetition rate was 2 × 10 5 Hz and the pulse-voltage-to-standing-DC voltage ratio (pulse fraction) was 15-20%. Visualization and reconstruction of the APT data analyses were performed using CAMECA's IVAS® software. Reconstruction was performed using an evaporation field of 33 V/nm, voltage-determined specimen tip radii and shank half-angle, which provided consistent results with our prior evaluation of the Cu-rich precipitates (Isheim et al., 2006a (Isheim et al., , 2006b Vaynman et al., 2008) .
Computational Thermodynamics Calculations
Thermodynamic equilibrium compositions for the phases present in the multicomponent Fe-Cu steels were calculated using Thermo-Calc software. The Gibbs free energy minimization calculations were performed using the Scientific Group Thermodata Europe SSOL4 database accounting for the bulk nominal compositions of each NUCu steel and all potential phases at 500 and 550°C.
RESULTS
NbC Carbide Precipitates and Cu-rich Precipitates
NbC Carbide Precipitates
Representative NbC carbide precipitates in the α-Fe matrix are discernible in Figure 1 due to the higher density of Nb (dark red) and C (black) atoms. Three carbides are identified by the red arrows and are denoted "1", "2", and "3". The APT reconstruction in Figure 1a is from the NUCu-170 steel aged 1 h at 500°C and it contains one NbC carbide precipitate, while the APT reconstruction in Figure 1b is , which corresponds with earlier measurements (Vaynman et al., 2008) .
The three NbC carbide precipitates vary in size, but all possess a thin disk-like morphology where the radial dimension is greater than the thickness. This morphology is consistent with earlier APT observations in steels (Bémont et al., 2004 ), but the shape may partially be influenced by local magnification effects (Miller & Hetherington, 1991) caused by the higher evaporation field of the NbC carbide precipitates when compared with the b.c.c. α-Fe matrix. The carbide precipitate in Figure 1a has an edge-to-edge radial dimension approximately equal to 16 nm and a thickness of ca. 3 nm. The larger carbide precipitate in Figure 1b has an edge-to-edge radial dimension approximately equal to 23 nm and a thickness of ca. 7 nm, whereas the smaller carbide precipitate has an edge-to-edge radial dimension approximately equal to 9 nm and a thickness of ca. 3 nm. The α-Fe matrix/NbC carbide precipitate heterophase interfaces are chemically diffuse, which is possibly due to trajectory overlap (aberrations) caused by differences in the evaporation fields between the two adjacent phases, and may also be influenced by diffusion of Nb and C atoms during growth and coarsening. Thus, the exact radial dimensions of the carbides are most likely less than the measured edgeto-edge distances. Our observations are consistent with earlier observations of secondary-hardening carbides with similarly high evaporation fields that also appeared diffuse in APT reconstructions (Leitner et al., 2004) . Transmission electron microscopy observations in steels have, however, observed a similar disk-like morphology for NbC carbide precipitates Figure 1 . Atom-probe tomographic reconstructions displaying Nb and C atoms at niobium carbide (NbC) precipitates and Cu-rich precipitates delineated by 10 at% isoconcentration surfaces from (a) NuCu-170 aged for 1 h at 500°C; and (b) NUCu-140-3 aged for 4 h at 550°C. The NbC carbide precipitates are identified with the numerical designators "1", "2", and "3". Cu-rich precipitates that are identified by the designators "A", "B", and "C" are co-precipitated and collocated with the NbC carbide precipitates in (a) and (b), and are also located in the α-Fe matrix in (a). In (a) 100% of the Nb and C atoms and 50% of the Fe atoms are displayed, and in (b) 50% of the Nb and C atoms and 20% of the Fe atoms are displayed. The remaining atoms are not shown for the sake of clarity. (Miyata et al., 2003) that has been attributed to the large lattice parameter misfit of ∼40% between the b.c.c. α-Fe matrix and the NaCl-type crystal structure of the NbC carbide precipitate across the (001) α-Fe plane (DeArdo, 2003; Miyata et al., 2003; Danoix et al., 2006) suggesting that the general shape is consistent with expectations.
Quantitative chemical analysis using 1D concentration profiles perpendicular to the radial dimension of the three NbC carbide precipitates are displayed in Figure 2 . The profiles represent core concentrations of the carbide precipitates as the cylinder diameters of 20 nm for the large NbC carbide precipitate and 7 nm for the two smaller NbC carbide Figure 1a , the profile in (b) corresponds to the NbC carbide precipitate "2" in Figure 1b , and the concentration profile in (c) corresponds to NbC carbide precipitate "3" in Figure 1b . The NbC carbide precipitates are differentiated by the enhancement of Nb and C. The enhancement of Cu adjacent to the enhancement of Nb and C identifies a co-precipitated and collocated Cu-rich precipitate in (a and c). The ± 2σ errors are given by counting statistics.
precipitates are smaller than their radial extent. This excludes the diffuse interfaces and the influences of trajectory overlap on elemental concentrations at this location, i.e. inclusion of Fe and alloying elements from the matrix. Furthermore, simulations suggest that trajectory overlap affects ∼1 nm at the heterophase interfaces of two phases (Vurpillot et al., 2000; Blavette et al., 2001 ) when the evaporation field difference is >10%, indicating that our cylinder diameter selections for core concentrations are conservative relative to the simulated overlap distance in the literature. The C concentration profiles are a superposition of detected C mass-to-charge state (m/n) ratio peaks after decomposing the C molecular ions (Sha et al., 1992) . The concentration profile in Figure 2a corresponds to NbC carbide precipitate "1", the concentration profile in Figure 2b corresponds to NbC carbide precipitate "2", and the concentration profile in Figure 2c corresponds to NbC carbide precipitate "3". The visible enhancement of Nb and C at a distance of ca. 5 nm in Figure 1a , ca. 10 nm in Figure 1b , and ca. 6.5 nm in Figure 1c permits discrimination of the carbides in each profile. This Nb and C enhancement is accompanied by a concomitant depletion of Fe (blue). The NbC carbide precipitates in these multicomponent steels also contain small concentrations of Cu (orange), Ni (green), Al (light blue), Mn (mustard), and Si (gray). Copper is depleted in NbC carbide precipitates "1" and "2", whereas it is enhanced within NbC carbide precipitate "3", which is discussed below. The maximum concentrations of Nb and C are equal to 19.1 ± 5.5 and 13.8 ± 4.6 at% in NbC carbide precipitate "1", 10.2 ± 1.3 and 9.4 ± 1.3 at% in NbC carbide precipitate "2", and 14.3 ± 4.6 and 21.7 ± 5.8 at% in NbC carbide precipitate "3". The minimum concentration of Fe is equal to 63.1 ± 11.7 at% in NbC carbide precipitate "1", 75.1 ± 4.5 at% in NbC carbide precipitate "2", and 40.1 ± 4.4 at % in NbC carbide precipitate "3". The ± 2σ errors are determined by counting statistics. The uncorrected compositions of these carbides is derived from the 1D concentration profiles ( Table 2 ). The high Fe core concentrations relative to the expected low concentrations indicate that the compositions must still be corrected even though the diameters of the analysis cylinders were selected to exclude the diffuse edges, which is discussed below.
The enrichment ratio f of an element i in phase j is given by
where C j i is the mean concentration of element i in phase j, and C 0 i the nominal (bulk) composition of element i. The enrichment ratio is defined differently than the partitioning ratio, which is the ratio of the concentration of element i in the precipitated phase to its concentration in the matrix phase. Table 2 presents the uncorrected enrichment ratios, and illustrates clearly the strong enrichment of Nb and C relative to their nominal compositions. This table also demonstrates the depletion of Fe. The remaining elements exhibit a more complicated behavior. Copper, Ni, and Al are depleted in NbC carbide precipitates "1" and "2". Manganese and Si exhibit neither enrichment nor depletion in either carbide precipitate. The compositions and enrichment ratios for these elements are significantly different in NbC carbide precipitate "3". Copper, Ni, Al, and Mn are enriched relative to their nominal compositions, because of the close proximity of a co-precipitated and collocated Cu-rich precipitate at the edge of the NbC carbide precipitate.
Cu-rich Precipitates
Cu-rich precipitates that are co-precipitated and collocated with the NbC carbide precipitates are discernible in two reconstructions (Figures 1a and 1b) . The Cu-rich precipitates are delineated by 10 at% Cu isoconcentration surfaces (orange). Six precipitates are identified by the letter "A" in Figure 1a ; three by the letter "B" and two by the letter "C" in Figure 1b . The number density, N V , of these Cu-rich precipitates is equal to 1.0 × 10 23 m −3 in Figures 1a and 2.9 × 10 22 m −3 in Figure 1b . Curich precipitates are also located in the α-Fe matrix (Figure 1a) . The Cu-rich precipitates located at the edges of the NbC carbide precipitates are larger than those located in the α-Fe matrix. Enhancement of Cu adjacent to the Nb and C enhancements in Figures 2a and 2c corresponds to a co-precipitated and collocated Cu-rich precipitate and a NbC carbide precipitate. A Cu enhancement is invisible in Figure 2b because the 1D analysis cylinder does not intersect a Cu-rich precipitate. The spherical volume equivalent radius, R h i, of the precipitates identified by the letter "A" is equal to 2.6 ± 0.5 nm, where the ± 2σ error is given by the standard error of the mean. The quantity R h i is 4.3 ± 1.2 nm for the precipitates identified by the letter "B", and equal to 2.7 ± 0.4 nm for the precipitates identified by the letter "C". The two larger precipitates identified by "B" have an ellipsoidal morphology, while the remaining precipitates have a more spheroidal morphology in both reconstructions. The quantity R h i is equal to 1.5 ± 0.1 nm for the precipitates located in the α-Fe matrix in Figure 1a .
Fe 3 C Carbide, GB, and Cu-rich Precipitates Fe 3 C Iron Carbide A representative iron carbide precipitate is discernible in Figure 3 because of the dense agglomeration of C (black) atoms, which is identified as an M 3 C-type carbide based on the measured stoichiometry. The APT reconstruction is from the NUCu-140-1 steel aged 1 h at 500°C. The dimensions of the reconstruction volume are 47 × 44 × 122 nm 3 . The carbide has a slightly curved planar appearance.
Quantitative chemical analysis using a 1D concentration profile across the representative Fe 3 C iron carbide is presented in Figure 4 . The 1D profile is determined using a 20-nm analysis cylinder perpendicular to the planar dimension of the iron carbide precipitate. The profile represents a core concentration as the cylinder diameter is smaller than the physical extent of the iron carbide. The C concentration profile is a superposition of detected C m/n ratio peaks after decomposing the C molecular ions (Sha et al., 1992) . The enhancement of C, which appears as a plateau, permits discrimination of the iron carbide precipitate (Figure 4a) . The maximum C concentration at a distance of ca. 42 nm is equal to 29.0 ± 1.6 at%. This enhancement is accompanied by an enhancement of Mn, and a concomitant depletion of Fe, Al, and Si (Figures 4b-4d ) at approximately the same distance. The maximum Mn concentration is 1.4 ± 0.3 at%, the minimum Fe concentration is 74.2 ± 3.1 at%, the minimum Al concentration is 0.6 ± 0.2 at%, and the minimum Si concentration is 0.5 ± 0.2 at%. The iron carbide precipitate in this multicomponent steel also contains Ni (Figure 4c) , with a maximum concentration equal to 2.8 ± 0.5 at%.
The composition of the iron carbide precipitate is derived from the 1D concentration profiles, and the enrichment ratios as given by equation (1). Table 3 demonstrates clearly the strong enrichment of C in the iron carbide precipitate relative to its nominal composition. Manganese is also enriched in the iron carbide precipitate. It also demonstrates the strong Cu, Al and Si depletions, and the smaller degree of Fe depletion relative to the nominal composition. Nickel exhibits neither an enrichment nor a depletion. The enhancement of Cu, Ni, Al, and the concomitant depletion of Fe adjacent to the C enhancement observed in Figures 4a-4c is associated with the formation of co-precipitated and collocated Figure 3 . An atom-probe tomography reconstruction displaying C atoms in a Fe 3 C iron-carbide precipitate and at a grain boundary (GB), and Cu-rich precipitates that are delineated by 10 at% Cu isoconcentration surfaces from the NUCu-140-1 Fe-Cu steel aged for 1 h at 500°C. The Cu-rich precipitates are co-precipitated and collocated at the periphery of the iron-carbide precipitates, and are also located at the GB interface, and in the α-Fe matrix. Solute depleted zones adjacent to the GB are also identified. The carbon atoms are only shown for clarity. Figure 3 . The enhancement of Cu, Ni, and Al adjacent to the enhancement of C identifies the Cu-rich precipitates that are co-precipitated and collocated at the periphery of the Fe 3 C iron-carbide. The smaller enhancements of Cu at locations away from the iron carbide precipitates are due to Cu-rich precipitates at the grain boundary and in the α-Fe matrix. The ± 2σ errors are given by counting statistics.
Cu-rich precipitates at the periphery of the Fe 3 C iron carbide precipitate, which are discussed below. Silicon exhibits an enhancement, whereas Mn exhibits depletion away from the iron carbide and Cu-rich precipitates (Figure 4d ).
GB
The complex reconstruction in Figure 3 also exhibits a dense approximately linear agglomeration of C atoms that is at a GB and extends from the iron carbide precipitate. Quantitative chemical analysis using a 1D concentration profile across the GB illustrates the enhancement of C (Figure 5a) . The maximum C concentration is equal to 1.6 ± 0.4 at%, which yields an enrichment ratio of 7.0. Copper, Ni, and Al are enhanced at the GB interface, whereas Fe is depleted at this interface (Figures 5b and 5c ). This enhancement is associated with the formation of heterogeneously nucleated Cu-rich precipitates, which are discussed below. Silicon has a small and broad enhancement at the GB (Figure 5d ).
In the regions adjacent to the GB, the Cu, Ni, Al, and Mn concentrations are depleted relative to the nominal composition (Figures 5b-5d ). These regions are identified as solute depleted zones (SDZ), which are ∼6-8 nm wide on one side of the GB and 1-2 nm on the other side of the GB, extending across the reconstruction seen in Figure 3 . The unsymmetrical SDZ may possibly be due to orientation of the GB. The minimum concentration of Cu is 0.1 ± 0.1 at%, of Ni it is 1.6 ± 0.4 at%, of Al it is 0.9 ± 0.3 at%, and of Mn it is 0.06 ± 0.06 at% in the SDZ, which are all significantly less than their nominal concentrations.
Cu-rich Precipitates
The large Cu-rich precipitates that are co-precipitated and collocated at the periphery of the Fe 3 C iron carbide precipitate are delineated by 10 at% isoconcentration surfaces (Figure 3 ). The quantity R h i is 4.2 ± 0.4 nm for these precipitates, which have a nonspheroidal shape, whereas the quantity N V is equal to 1.6 × 10 22 m −3
. The enhancement of Cu, Ni, Al, and the concomitant depletion of Fe differentiate these Cu-rich precipitates (Figures 4a-4c) . The Fe concentration profile is complex as it exhibits depletion in the iron carbide and Cu-rich precipitates, but is slightly enhanced in the narrow region between the two phases ( Figure 4b ). The Mn enhancement is clearly not associated with the Ni and Al enhancements at the heterophase interfaces of these precipitates (Figure 4d ). Silicon is slightly depleted in the Cu-rich precipitates relative to its concentration in the adjacent α-Fe matrix (Figure 4d) .
The GB interface also contains heterogeneously nucleated Cu-rich precipitates delineated by 10 at% isoconcentration surfaces (Figure 3 ). The quantity R h i = 1.8 ± 0.3 nm for these precipitates, which have a spheroidal morphology, and the quantity N V is equal to 4.0 × 10 22 m −3
. The enhancement of Cu, Ni, Al, and concomitant depletion of Fe differentiate these GB Cu-rich precipitates in Figures 5b-5c . The Mn enhancement is not clearly associated with the Ni and Al enhancements at the heterophase interfaces of these precipitates (Figure 5d ). Silicon is slightly enhanced in this region (Figure 5d ).
The spheroidal Cu-rich precipitates located in the α-Fe matrix (Figure 3) , are smaller than the ones located at the periphery of the Fe 3 C iron carbide and at the GB. The quantity R h i = 0.7 ± 0.1 nm for these precipitates, which have a spheroidal morphology, and N V is equal to 3.1 × 10 23 m −3
.
Computational Thermodynamics Calculations
The results of the Gibbs free energy minimization at 500 and 550°C predict the formation of five phases at Figure 3 . Carbon is enhanced at the GB. The enhancement of Cu, Ni, and Al adjacent to the enhancement of the carbon identifies heterogeneously nucleated Cu-rich precipitates at the GB interface. Solute-depleted zones adjacent to the GB are also identified. The ± 2σ errors are given by counting statistics. thermodynamic equilibrium, which were also identified by APT, and X-ray diffraction at the Advanced Photon Source at Argonne National Laboratory (Isheim et al., 2006b; Vaynman et al., 2008) . The phase diagram for the steels was presented in . The composition of the Cu-rich precipitates and α-Fe matrix at equilibrium when aging at 500 or 550°C were presented in and Kolli et al. ( , 2011 and the composition of the Ni(Al 0.5-x Mn x ) phase was presented in and . The equilibrium composition of the NbC carbide and Fe 3 C iron carbide precipitates when aging at 500 or 550°C are presented in Table 4 . Very small compositional differences exist at thermodynamic equilibrium when the bulk nominal composition is varied between the NUCu-140-1 and the NUCu-170 steels for aging at 500°C. Similarly, small compositional differences exist when the bulk nominal compositions and aging temperatures are varied between 500 and 550°C for the NUCu-140-1 and NUCu-140-3 steels.
DISCUSSION
Stoichiometric Ratio and Composition of the NbC Carbide Precipitates
The measured differences in the NbC carbide precipitate stoichiometric ratios and compositions can be attributed primarily to thermal processing differences. Differences in the carbide precipitates between the NUCu-140-3 and -170 steels cannot be attributed to the nominal compositions, as it varies only slightly between the two steels and Thermo-Calc predicts a small compositional variation at thermodynamic equilibrium when aging at 500 or 550°C. Hence, variability between carbide precipitates in the two steels is mostly likely due to differences in the nucleation, growth, and coarsening kinetics, which is consistent with observations in model alloys (Lee et al., 2002; Bémont et al., 2004; Danoix et al., 2006) . The presence of two NbC carbide precipitates in the same reconstruction (Figure 1b ) that have different Nb:C stoichiometric ratios and diameters suggests that at least two populations of precipitates are present in these steels, which is consistent with prior observations in a model Fe-Nb-C alloy (Bémont et al., 2004) , and a high-strength low-alloy (HSLA) steel (Lee et al., 2002) . In one study, a stoichiometric ratio of 1 was attributed to homogeneously distributed precipitates, whereas a stoichiometric ratio <1 was attributed to heterogeneous precipitation at crystal defects (Bémont et al., 2004) . In another study, the differences in sizes and compositions were attributed to the difference in nucleation temperatures (Lee et al., 2002) . The larger diameter of some NbC carbide precipitates was attributed to nucleation in austenite at higher temperatures during the austeniteto-ferrite transformation, whereas the smaller diameter of some carbide precipitates was attributed to nucleation in ferrite at lower temperatures. In Figure 1b , the NbC carbide precipitates with a Nb:C stoichiometric ratio of unity are larger than those with a stoichiometric ratio <1. Based on the thermal treatment and the measured diameters, the larger NbC carbide precipitates with a stoichiometric ratio of unity most likely nucleated earlier during solutionizing and quenching, and the smaller one with a stoichiometric ratio <1 nucleated later during the same thermal processing step or possibly during isothermal aging. The NbC carbide precipitates can also form during thermo-mechanical processing (Bhadeshia & Honeycombe, 2006) and hence more than two distinct populations are potentially present in these Fe-Cu steels.
In the multicomponent Fe-Cu steels in this study, the measured Fe concentration was between 67.1 ± 1.1 and 86.0 ± 0.4 at% in NbC carbide precipitates "1" to "3" ( Table 2 ). The high Fe concentrations relative to the predicted equilibrium concentrations of 0.004 at% for NUCu-140-1 at 500°C and 0.007 at% for NUCu-140-3 at 550°C (Table 4) indicates that Fe from the matrix still influences the carbide precipitate core concentration due to local magnification effects even after excluding the edges from the analysis cylinder and hence must be corrected. This is possibly due to orientation of the carbide precipitates. The presence of Fe at locations near the precipitate core and away from the heterophase interfaces is consistent with prior observations in secondaryhardening carbides (Leitner et al., 2004) . In addition, the presence of alloying elements at concentrations similar to the nominal composition indicates that they too affect the carbide precipitate core concentrations. Thus, we follow a correction procedure described by Leitner et al. (2004) , where all the Fe was subtracted from the APT measurements Concentrations are in at%. The C concentrations are postulated.
and the other alloying elements were also subtracted in proportion to the Fe using the nominal matrix concentrations. This correction reduces the core Fe concentration to zero at% and the alloying element concentrations to zero at% or small values, and increases the Nb and C concentrations to values that are closer to the expected quantities, but still at a stoichiometric ratio of ∼1 for carbide precipitate "2" (Table 5 ). An Fe concentration of zero at% for the small carbide precipitates may, however, be too low a quantity as measurements by energy-dispersive spectroscopy in an HSLA steel indicates the presence of small concentrations of Fe in small NbC carbide precipitates (Lee et al., 2002) . In addition, several authors have suggested that the presence of Fe in the carbide precipitate reduces the large lattice parameter misfit of ∼40% between the b.c.c. α-Fe matrix and the NaCl-type crystal structure of the NbC carbide precipitate across the (001) α-Fe plane (DeArdo, 2003; Miyata et al., 2003; Danoix et al., 2006) thereby permitting nucleation to occur. Furthermore, the presence of Fe in small diameter NbC carbide precipitates is consistent with the physical model suggesting that the carbide precipitates initially form metastable phases with high concentrations of Fe, which evolve temporally toward the equilibrium quantities (Thomson, 2000; Danoix et al., 2006) . Thus, we assume that the small carbide precipitate denoted "1" contains 10 at % Fe as a first-order approximation and perform a similar correction as described above (Table 5 ). The Fe concentration measurements in NbC carbide precipitate "3" is convoluted with that of a co-precipitated and collocated Cu-rich precipitate, hence, we have not presented the corrected composition. The corresponding corrected enrichment ratios for carbide precipitates "1" and "2" are also presented in Table 5 . The zero at% concentration of Cu, Ni, and Al in the NbC carbide precipitates is the expected value as Ni and Cu do not form carbides and these elements are not anticipated to substitute for Nb in MC-type alloy carbides at thermodynamic equilibrium (Thomson, 2000) . In addition, it was shown previously that Cu, Ni, and Al segregated strongly to the Cu-rich precipitates and the α-Fe matrix/ Cu-rich precipitate heterophase interfaces, while they are depleted in the α-Fe matrix . These composition results also demonstrate that a concentration of Mn and Si are still extant in the NbC carbide precipitates at the studied aging times. The enrichment ratio of both elements is greater than unity for the smaller NbC carbide precipitate "1", which is in an alloy aged for 1 h, but is less than unity for the larger carbide precipitate "2", which is in an alloy aged for 4 h. This suggests that Mn and Si diffuse out of the carbide precipitates albeit at a slow rate. In these multicomponent Fe-Cu steels, Mn partitions predominantly to the Cu-rich precipitates and the α-Fe matrix/Cu-rich precipitate heterophase interfaces , except at an Fe 3 C iron carbide precipitate, which is discussed below. In these multicomponent steels, Si partitions to the α-Fe matrix .
Composition of Fe 3 C Iron Carbide
The measured composition of the representative iron carbide precipitate (Table 3) is different from the calculated equilibrium composition (Table 4 ). The C concentration is equal to 26.0 ± 0.2 at%, which is slightly greater than the expected stoichiometric value and the postulated Thermo-Calc value of 25 at%. The concentration of Fe is equal to 69.2 ± 0.2 at%, which is less than the expected stoichiometric value of 75 at %, but greater than the Thermo-Calc result of 65.1 at%. The Thermo-Calc results and the concentration profiles suggest that Ni and Mn are substituted for Fe, thereby forming a M 3 C-type iron carbide (where M = Fe, Mn, and Ni). The Mn enrichment ratio is equal to 2.1 and the concentration is equal to 1.0 ± 0.1 at%, which is less than the calculated equilibrium concentration of 9.0 at%. The Ni enrichment ratio is equal to 1.0 and the concentration is equal to 2.6 ± 0.1 at%, which is significantly greater than the calculated equilibrium concentration of 0.9 at%. The sum of the Fe, Ni, and Mn concentrations are equal to 72.8 ± 0.4 at%, which is close to, but slightly smaller than the expected stoichiometric value and Thermo-Calc result. The experimental ratio of (Fe + Ni + Mn):C is approximately equal to 2.8. The lack of localized Mn segregation peaks at the α-Fe matrix/Fe 3 C iron carbide heterophase interface, the nonlocalized concentration gradient at the interface, and the narrower width of the Mn enhancement in the cementite relative to the C and Fe enhancements in Figures 4a-4d suggests that Mn, which has a diffusivity D Mn in α-Fe at 500°C equal to 2.4 × 10 −20 m 2 s −1 (Irmer & Feller-Kniepmeier, 1972) , is still diffusing to the iron carbide phase to attain its equilibrium concentration. The occurrence of substitutional solute elements that do not form with their equilibrium concentrations in a phase and then attain equilibrium during aging is indicative of a transformation under paraequilibrium conditions (Hultgren, 1947; Bhadeshia, 1985; Hillert & Ågren, 2004) . Manganese is known to exist in the iron carbide phase of model martensitic steels at close to the concentration of the parent austenite phase with a constant value of the Fe:Mn ratio during transformation and to then undergo redistribution during tempering (aging), so that it is eventually enriched in the cementite and depleted in the martensitic phase (Babu et al., 1993 (Babu et al., , 1994 Thomson & Miller, 1996) . Although these studies involved model martensitic steels, a similar phenomenon may be occurring for Mn for the steels in this investigation. The Ni concentration is greater than the Thermo-Calc-predicted equilibrium concentration of 0.9 at%, hence further aging time at 500°C is necessary to attain the thermodynamic equilibrium value. Nickel partitions to the Cu-rich precipitates and also segregates to their heterophase interfaces, as discussed below. The concentrations of Cu, Al, and Si are strongly depleted relative to the nominal composition after aging at 500°C for 1 h. The kinetics of Cu, Al, and Si are, however, likely faster than that of Mn and Ni in iron carbide leading to more rapid partitioning. Silicon is also known to be present in the iron carbide phase during a para-equilibrium transformation, but partitions to the α-Fe matrix during aging (Babu et al., 1994 (Babu et al., , 1993 . The diffusivity of Si, D Si , in α-Fe at 500°C is equal to 5.5 × 10 −20 m 2 s −1 (Bergner et al., 1990) , which is possibly enhanced along the GB (Balluffi et al., 2005) yielding rapid diffusion. Our APT results indicate that Si is enhanced at a distance between 18 and 26 nm, adjacent to the Fe 3 C iron carbide and in the GB. Copper and Al partition to the Cu-rich precipitates located at the periphery of the Fe 3 C iron carbide and along the GB, as discussed below.
Cu-rich Precipitates
The varying sizes of the Cu-rich precipitates at the different locations suggest that they nucleated at different times during the thermal treatment. The precipitates located at the edges of the NbC carbide precipitates (Figures 1a and 1b) most likely formed during the solutionizing and quenching step or during isothermal aging. The presence of multiple Cu-rich precipitates at the edge of each NbC carbide precipitate and the phase diagram suggests that the latter nucleated first. Copper is completely in solid solution at the temperatures of the thermal treatments, whereas the NbC carbide precipitate phase is predicted to be a stable phase at temperatures <~1150°C . Our prior discussion indicates that the carbide precipitates were nucleated at different thermal processing steps. Similarly, the Cu-rich precipitates most likely nucleated during different thermal processing steps, which correspond to the nucleation of the carbide precipitates. The Cu-rich precipitates at the edge of the large NbC carbide precipitate "2" have a greater average radius than those at the edges of the smaller NbC carbide precipitate "3". Thus, two populations of Cu-rich precipitates, existing at the edges of the carbide precipitates have dimensions corresponding to the dimensions of the carbide precipitates. The precipitates distributed in the α-Fe matrix, which are smaller than those at the edges of the NbC carbide precipitates, formed during isothermal aging as determined in our earlier investigations .
The Cu-rich precipitates, in the complex reconstruction of Figure 3 , require further discussion. The Cu-rich precipitates at the GB, which formed in an approximately linear arrangement, most likely nucleated during solutionizing and quenching; thus, they are considered to be interphase precipitates that formed at migrating γ-austenite/α-ferrite GBs in Fe-Cu steels (Thompson & Krauss, 1996) . The approximately linear arrangement is characteristic of these precipitates when they nucleate and grow. The precipitates located at the periphery of the iron carbide precipitate most likely nucleated at the same time as the GB precipitates. Two of these periphery iron carbide precipitates, which are denoted by the letter "A", are also collocated at the GB. The precipitates distributed in the α-Fe matrix, which are smaller than those at the periphery of the iron carbide precipitates and at the GB, formed during isothermal aging.
These results demonstrate that the Cu-rich precipitates at the GB are larger than those distributed in the α-Fe matrix. We attribute this difference to accelerated diffusion of Cu along the GB during thermal processing. Diffusion of solute elements along a GB can be as much as several orders of magnitude greater than in the bulk matrix (Balluffi et al., 2005) . For example, the 1D root-mean square diffusion distance of Cu, x 1D = (2D Cu t) 1/2 , is equal to 3.7 nm, where the quantity D Cu is the diffusivity of Cu in α-Fe at 500°C, which is 1.9 × 10 −21 m 2 s −1 (Salje & Feller-Kniepmeier, 1977) , and the time, t, is equal to 3600 s. If we assume a three order of magnitude increase in the quantity D Cu to account for accelerated diffusion along a GB then the quantity x 1D is equal to 117.0 nm. The size difference of the precipitates combined with the presence of an SDZ at the GB and the smaller size of the Cu-rich precipitates located closer to the GB indicates that short-circuit diffusion occurs. The presence of solute diffusion along a GB and through the bulk of the grain is consistent with Hoyt's physical description of short-circuit diffusion (Hoyt, 1991 ) and Kozeschnik's modeling and simulations (Kozeschnik et al., 2010) , but it is more complicated than the case of diffusion occurring solely along the GB (Speight, 1968; Ardell, 1972) . High-diffusivity values along a GB reduces nucleation times, increases the growth rate, and causes an earlier onset of coarsening (Kozeschnik et al., 2010) ; therefore, the GB precipitates are larger than those distributed in the α-Fe matrix. The larger size of the two precipitates at the periphery of the Fe 3 C iron carbide, denoted by the letter "A" in Figure 3 , are also collocated at the GB and are attributed to a combination of short-circuit Cu diffusion and also to Cu diffusion out of the cementite. The presence of Cu-rich precipitates at the periphery of the cementite phase is consistent with earlier observations in model Fe-C-Cu steels (Wasynczuk et al., 1986; Fourlaris et al., 1995) . Copper has a very small solid solubility in the cementite phase that suggests the Cu must diffuse out of it. The small mean composition for Cu of 0.3 ± 0.1 at% in the Fe 3 C iron carbide after aging at 500°C for only 1 h suggests that the Cu kinetics are rapid. The diffusion of Cu out of the cementite adds to the complexity of the observed phenomena along the GB.
Segregation of Manganese
When comparing the Cu-rich precipitates distributed in the α-Fe matrix, located at the GB, at the edge of the NbC carbide precipitates, and at the periphery of the Fe 3 C iron carbide precipitate differences are observed concerning segregation of solute elements, particularly Mn. In our earlier investigation of Cu-rich precipitates distributed in the α-Fe matrix, it was demonstrated that Cu, Ni, Al, and Mn partition to the Cu-rich precipitate core and the α-Fe matrix/ Cu-rich precipitate heterophase interfaces . During extended aging, the Ni, Al, and Mn segregate to the α-Fe matrix/Cu-rich precipitate heterophase interfaces in increasing amounts forming a Ni(Al 0.5 − x Mn x ) phase . In the present study of co-precipitated and collocated Cu-rich precipitates, we find that Mn does not always segregate at the heterophase interfaces. The precipitates at the peripheries of the Fe 3 C iron carbide precipitates and at the GB demonstrate that localized Mn segregation is not clearly associated with the localized Ni and Al segregation peaks. Manganese is enhanced, however, in the Fe 3 C and depleted in the surrounding α-Fe matrix and in the region adjacent to the GB, which suggests that the thermodynamic driving force for the partitioning of Mn to the iron carbide precipitate is most likely greater than for segregating to the heterophase interfaces of the co-precipitated and collocated Cu-rich precipitates. We emphasize that although Mn is still present at the heterophase interface, it diffuses and partitions to the iron carbide phase. Our results also indicate that some Si is still present at the heterophase interfaces. We emphasize that Si diffuses out of the cementite to the α-Fe matrix as previously discussed. The observation of Ni and Al segregation without Mn segregation at the heterophase interfaces of some Cu-rich precipitates and not others suggests that at least two distinct populations of NiAl-type (B2 structure) phases occur with different compositions in these steels for the given alloy compositions and thermal treatment. As indicated above, we have previously identified a Ni(Al 0.5 − x Mn x ) phase at the Cu-rich precipitate heterophase interfaces . Based on our observations in this study, it is also possible that a NiAl phase (not containing Mn) forms at the heterophase interfaces of Cu-rich precipitates located at the periphery of the Fe 3 C iron carbides and also at the GB.
CONCLUSIONS
The compositions of co-precipitated and collocated NbC carbide precipitates, an Fe 3 C iron carbide, and Cu-rich precipitates were studied experimentally employing APT and by computational predictions of composition at thermodynamic equilibrium using Thermo-Calc. The NUCu-140-1, -140-3, and -170 multicomponent Fe-Cu steels were studied at the peak-hardness aging time and in the slightly over-aged condition. The detailed investigation resulted in the following findings:
1. The large NbC carbide precipitates have a stoichiometric ratio of Nb:C equal to 1, whereas for the small ones the ratio is <1. Cu-rich precipitates are found co-precipitated and collocated at the edges of the NbC carbide precipitates. 2. The Cu-rich precipitates identified by the letter "A" at the edge of the NbC carbide precipitate "1" in Figure 1a have a spherical volume equivalent radius, R h i, equal to 2.6 ± 0.4 nm, whereas the Cu-rich precipitates in the α-Fe matrix have R h i = 1.5 ± 0.1 nm. The number density, N V , is 1.0 × 10 23 m −3 . The Cu-rich precipitates identified by the letter "B" at the larger NbC carbide precipitate "2" in Figure 1b have R h i = 4.3 ± 1.2 nm, whereas those identified by the letter "C" at the smaller NbC carbide precipitate "3" have R h i = 2.7 ± 0.5 nm. The quantity N V = 2.9 × 10 22 m −3
. 3. The Fe 3 C iron carbide precipitates form a M 3 C-type carbide, where M = Fe, Mn, and Ni. The sum of the Fe, Mn, and Ni concentrations is 72.8 ± 0.4 at% and the C concentration is equal to 26.0 ± 0.2 at%, yielding a stoichiometric ratio of (Fe + Mn + Ni):C equal to 2.8. Manganese is depleted and Ni is enhanced relative to their thermodynamic equilibrium concentration as predicted by Thermo-Calc after aging for 1 h at 500°C. Copper, Si, and Al are depleted in the iron carbide precipitates. Cu-rich precipitates are co-precipitated and collocated at the periphery of the cementite phase. 4. The Cu-rich precipitates at the periphery of the Fe 3 C iron carbide and also collocated with the GB identified by the letter "A" in Figure 3 have a spherical volume equivalent radius, R h i, equal to 4.2 ± 0.4 nm and a number density, N V , equal to 1.6 × 0 22 m −3
, while those only at the GB have a quantity R h i = 1.8 ± 0.3 nm and the quantity N V = 4.0 × 10 22 m −3
, whereas those located in the α-Fe matrix have a quantity R h i = 0.7 ± 0.1 nm and N V = 3.1 × 10 23 m −3 . 5. Manganese does not segregate at the heterophase interfaces of the co-precipitated and collocated Cu-rich precipitates at the periphery of the Fe 3 C iron carbide precipitates and at the GB, which is unlike the precipitates distributed homogeneously in the α-Fe matrix and at the edges of the NbC carbide precipitates. Thus, there are possibly two populations of NiAl-type (B2 structure) phases at the Cu-rich precipitate heterophase interfaces one with Mn and one without, at its interfaces. 
